In this paper we demonstrate the utility of differential scanning calorimetry for investigating the thermodynamics and kinetics of a broad range of thin film reactions. We begin by describing differential scanning calorimeters and the preparation of thin film samples. We then cite a number of examples that illustrate how enthalpies of crystallization, heats of formation and enthalpies of interfaces can be measured using layered thin films of Ni/Al, Cu/Zr and Zr/Al and homogeneous thin films of Co-Si, Nb-Cu, Cr-Cu and Ge-Sn. Following these examples of thermodynamic measurements, we show how kinetic parameters of nucleation, growth and coarsening can also be determined from differential scanning calorimetry traces using layered thin films of Ni/Al, Ti/Al and Nb/Al and homogenous thin films of Co-Si and Ge-Sn. The thermodynamic and kinetic investigations highlighted in these examples demonstrate that one can characterize phase transformations that are relevant to commercial applications and scientific studies both of thin films and of bulk materials.
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Introduction
Thin films play an important role in the advance of many modern technologies such as electronic devices, storage media, read/write heads, flat panel displays, chemical sensors, protective coatings and x-ray optics [1] [2] [3] . Such a remarkable array of applications creates a sense of excitement among thin film scientists and engineers that is bound to continue into the 21st century. This excitement is further fuelled by the development of new applications. For example, engineering the interfacial region in advanced composite materials using multilayer thin films [4] and joining components using reactive multilayer foils as local heat sources [5] [6] [7] are two promising applications with enormous potential. The development of other applications is expected as improvements in processing techniques allow novel thin film structures to be made cost effectively.
In all existing or potential uses of thin films, the promotion or inhibition of reactions, such as compound formation, crystallization and grain growth, plays a central role in the ultimate performance of the system. Whether the former or the latter is desired, it becomes necessary to understand the thermodynamic and kinetic details of the reaction. The need for this understanding continues to drive basic research in this area. However, this research is not limited to those systems with technological applications. Thin films also provide model systems for fundamental studies of a number of reactions that are not easily accessible in bulk systems. These studies contribute significantly to our understanding of materials' behaviour and create stimulating new opportunities for scientific investigations. They also provide a means for the design and optimization of materials. Thus we see three areas that benefit tremendously from research on thin film reactions: thin film technologies, materials engineering and materials science.
A critical step towards understanding thin film reactions is to characterize their thermodynamic and kinetic parameters. Differential scanning calorimetry (DSC) has proven to be a most promising technique in this effort and the present review gives various examples of its utility. Most of the examples have been chosen from our own studies primarily because of our deeper familiarity with them. However, for each example we reference a variety of works by other researchers on the same topics. In fact, we wish to make a special mention of an earlier review article by Spaepen and Thompson [8] on calorimetric studies of reactions in thin films and multilayers. Their review differs from the present article in its approach. Spaepen and Thompson chose the material system and then showed how DSC could be used to determine the thermodynamic or kinetic parameters of interest. In contrast, we choose the parameters and then select the material system to demonstrate their measurement.
The two works are therefore highly complementary. This paper is organized as follows. Section 2 gives the rudiments of DSC instrumentation and presents in general terms the techniques for sample preparation. Section 3 describes how enthalpies of crystallization, formation and interfaces can be measured using DSC and homogeneous or layered thin films. Section 4 demonstrates how kinetic parameters of nucleation, growth and coarsening can also be determined from the DSC traces. The goal in sections 3 and 4 is to show that, by making a significant effort in the design and fabrication of novel thin film samples, one can measure many thermodynamic and kinetic parameters of interest. Section 5 provides a short summary of the paper.
Experimental procedures for DSC studies

The instrumentation
When heated to high enough temperatures, all materials undergo physical or chemical changes whether or not they are bulk materials or thin films. These changes alter the enthalpy and/or heat capacity of the material which in turn results in the release or the absorption of heat. By determining the instantaneous rate of heat flow (namely, the power), differential scanning calorimetry provides quantitative thermodynamic and kinetic information about the physical and chemical changes occurring in the material.
The terms 'differential scanning calorimetry' and 'differential scanning calorimeter' and their abbreviation, 'DSC', were first introduced by Perkin Elmer Corporation to distinguish the Perkin Elmer system from other existing instruments for differential thermal analysis. This distinction has been described in detail elsewhere [9] [10] [11] [12] [13] and here we give only a brief summary. In the Perkin Elmer DSC the sample and the reference are thermally insulated from one another and each is provided with its own individual heater, as shown schematically in figure 1 (a). The instrument is based on the 'null-balance' principle of measurement in which the energy absorbed or evolved by the sample is compensated by adding or subtracting an equivalent amount of electrical energy to the heater located in the sample holder. In practice, this is achieved by comparing the signal from a platinum resistance thermometer in the sample holder with that from an identical sensor in the reference holder. (These thermometers need to be calibrated, since the true sample temperature will deviate from the sensor temperature as a result of thermal lags that become increasingly pronounced at high heating rates [14, 15] .)
The continuous and automatic adjustment of the heater power necessary to keep the sample holder temperature identical to that of the reference holder, that is to keep T = 0, provides a varying electrical signal opposite but equivalent to the power absorbed or released by the sample. Thus, the Perkin Elmer system is a power-compensated DSC.
Unfortunately, over the years, the distinction between the power-compensated DSC and other differential thermal instruments has been lost, resulting in what is certain to continue to be a state of confusion with regard to nomenclature in differential scanning calorimetry [9, 10] . Two differential thermal systems that are frequently confused with the power-compensated DSC are (1) the 'classical' differential thermal analysis (DTA) system and (2) the 'Boersma' DTA which was named after the author of the pioneering paper [16] . In both DTAs only a single heating source is used and the sample and reference crucibles are arranged symmetrically with respect to this heating source. In the classical DTA, temperature sensors are located in the interior both of the sample and of reference materials and they record an uncompensated temperature difference, T , between the sample and the reference material ( figure 1(b) ). In the Boersma DTA temperature sensors are located on the exteriors of the sample and reference (or their containers) and again are used to record an uncompensated temperature difference (figure 1(c)) [9, 10] .
Whereas the power-compensated DSC measures the power signal directly, a signal-to-power conversion in the classical and Boersma DTAs requires the determination of the two thermal constants K and C in the equation coefficient and C is the heat capacity [17] . The derivation of this equation involves several assumptions that were discussed by Chen and Kirsch [17] . The determination of the two thermal constants requires a large series of calibration runs using materials with known transformation temperatures and enthalpies [18] . Once the raw T data have been converted, the rate of enthalpy change provides a calorimetric measurement. Thus, it is easy to understand the origin of the confusion in the use of the generic term DSC. The classical and Boersma DTAs have been termed heat-flux DSCs in cases in which care has been taken to make the distinction [10, 18, 19] .
The DSC's ability to measure the power of a reaction directly, in addition to the DSC's higher sensitivity and shorter time constant, is extremely beneficial in the study of thin film reactions. Thus, many investigators favour this type of DSC. However, radiative heat losses become significant at higher temperatures and these heat losses are in conflict with the measurement principle of powercompensated DSCs. As a result, DSCs have a lower maximum operating temperature than do DTAs and some thin film reactions cannot be completed in a DSC. Studies of these reactions therefore require the use of heat flux DSCs which have significantly higher operating temperatures. In the following sections we provide examples of the use of both calorimeters. Lastly it is worth noting that special thin film calorimeters have been designed for samples with very small masses. A detailed description of such an instrument was given in [20] .
Sample preparation
Thin film deposition methods are indeed numerous [21] and new methods are continuously being developed [1] . The thin films described in the present review were all deposited by magnetron sputtering or electron beam evaporation, two well established techniques for producing high-quality inorganic films. Depending on the sensitivity of the instrument and the nature of the reaction, the sample mass necessary to obtain good signal-to-noise ratios ranges from a fraction of a milligram to approximately 20 mg. In order to increase the signal-to-noise ratio further, three techniques can be employed. First, when interface reactions are investigated, the film can be fabricated as a layered structure with many reacting interfaces that increase the rate of reaction for a given mass, thereby amplifying the signal. An example of such a multilayered film is shown in figure 2 . Second, the film can be removed from its substrate and tested as a free-standing sample. This maximizes the signal for a given mass of sample in the DSC. Third, scans can be performed at higher heating rates which increase the power signal relative to the baseline noise. However, care must be taken to avoid loss of null-balance powercompensation at higher heating rates.
In order to generate free-standing thin film samples, two techniques have been employed. In one case, the film thickness was increased to greater than 10 µm so the film could be removed from the substrate without Figure 3 . A typical DSC scan yields a measure of the rate at which heat flows from or into a sample as it reacts. The schematic diagram for the first scan shows two exothermic reactions. If these reactions are irreversible, a more precise measure of the heat flow can be obtained by scanning (heating) the sample a second time to obtain a baseline. The difference in heat flow between the first and second scans can then be integrated to obtain the total heat of each reaction. Here, we have integrated only part way through reaction 1.
tearing or curling [22, 23] . This removal was facilitated by choosing an initial layer with limited adhesion to the substrate. In the other case, a soluble underlayer was put on the substrate before the film of interest was deposited. The choice of the soluble layer depends on the material system and the deposition method and may require lengthy experimentation, because it is necessary to dissolve the layer completely without attacking the film. In many instances this underlayer is a photoresist [24] , but in other instances it may be a metallic layer [25] [26] [27] .
Once a free-standing film has been obtained, it is packed into a metallic or ceramic holder that is suitable for the temperature range and sample of study. An empty holder of nearly identical mass to the sample holder plus sample is put into the reference furnace or crucible. The calorimetry experiments are then carried out either at a constant heating rate or isothermally. In both cases it is extremely important to have obtained a flat baseline prior to running any experiments, particularly for reversible transformations. For irreversible transformations a more accurate baseline can be obtained in a second heating cycle after cooling the reacted sample to the starting conditions without disturbing it and then reheating (see figure 3 ). Of course, it is important that the reaction will have gone to completion during the first heating cycle.
A comprehensive study of reactions in thin films should also utilize other characterization techniques that complement differential scanning calorimetry. For example, product phases associated with each thermal signal are often identified using x-ray or electron diffraction methods. Furthermore, the unambiguous interpretation of kinetic data may require the characterization of a film's microstructure. Since thin film microstructures often have nanometre-to-micrometre length scales, this characterization frequently demands the use of transmission electron microscopy. These points will be clarified through the examples given in the following sections.
Thermodynamics
The enthalpy released or absorbed during a phase transformation is an important thermodynamic quantity that is commonly used to predict the stability of alloys and compounds [28] [29] [30] . These enthalpies can be determined from DSC experiments by integrating the rate of heat flow over the course of the reaction. This integration is schematically demonstrated in figure 3 for a constantheating-rate experiment and takes the form
where H is the total heat released, β = dT /dt is the heating rate, (dH/dt) dat is the sample heat flow rate, (dH/dt) bsl is the baseline heat flow rate and T 1 and T 2 are the limits of integration. To calculate the enthalpy per mole of atoms of the product phase (equivalent to g-atom), the integral H must be multiplied by the constant M/(mn mole ), where M is the molecular weight of the product phase, m is the mass of the sample and n mole is the number of atoms in one molecule of the compound phase. This enthalpy is typically referenced to a temperature that marks the onset of the reaction. However, one can reference the enthalpy to room temperature by choosing T 1 appropriately [31] .
Using the above procedure we describe how one can measure enthalpies of formation, enthalpies of crystallization and enthalpies of interfaces in the following subsections. We discuss the formation of three stable (equilibrium) compounds, three metastable phases and one unstable alloy. In addition, we will consider both intraphase and interphase interfaces. Our goal is to show that, by fabricating appropriate thin film samples, one can measure the enthalpy changes for a broad range of transformations at relatively low temperatures using differential scanning calorimetry. Most enthalpies of formation have been measured using high-temperature calorimetry techniques such as solutesolvent drop calorimetry and direct synthesis calorimetry [29, 30, [32] [33] [34] . In describing these methods, Kleppa [29] and Kubaschewski and Alcock [30] noted that radiative heat losses and environmental contamination are major concerns because measurements are often performed at temperatures above 1300 K. These two potentially significant concerns can be minimized or eliminated with the combination of thin film samples and differential scanning calorimetry described here. The fine microstructures of the films provide short diffusion distances that greatly enhance atomic mixing compared with that in bulk materials. As a consequence, many formation reactions (and many other reactions) can be completed rapidly in a DSC at temperatures below 1000 K. At these lower temperatures, radiation and contamination are significantly reduced and enthalpies of compound formation can be measured very precisely (<±2.0%) [31] . As a first example of using thin film samples to measure enthalpies of formation of equilibrium compounds, consider the DSC traces in figure 4 . These data were obtained for the formation of NiAl 3 in Ni/Al multilayers with a fixed overall stoichiometry of 1Ni:3Al [27] . By integrating the heat flow with respect to time, the heat of reaction was obtained for each sample and is plotted versus the multilayer period, , in figure 5. Figure 5 clearly demonstrates that the heat of reaction dropped as the multilayer period decreased, indicating that some intermixing and reaction occurred during the deposition. The enthalpy of formation of NiAl 3 was estimated to be −36.2 kJ g-atom −1 by averaging the heats of reaction at large periods, which approach a constant value. Although this enthalpy of formation ( H f ) is close to the literature value of −37.7±2.1 kJ g-atom −1 [35] , more accurate measures of H f can be obtained by utilizing models that account for the heat that is lost when the samples begin to intermix during deposition [7, 31] .
The heat lost due to intermixing is approximated by modelling the composition profile across the intermixed layer in the as-deposited samples. This profile gives the degree to which unlike bonds (Ni-Al) have replaced like bonds (Al-Al, Ni-Ni) and therefore estimates the degree of heat loss. We consider two types of profiles. In the first type, the intermixing forms a chemically invariant phase such as a line compound with one distinct composition. This results in a sharp chemical profile, as shown in [27] are plotted versus the multilayer period, , together with fits of equations (4) and (5) and a previous measure of the enthalpy of formation of NiAl 3 . Note that the DSC heats extrapolate to the centre of the grey scatter band for the value of −37.7 ± 2.1 kJ g-atom −1 listed in [35] .
figure 6(a). In the second type, intermixing forms a chemically variant phase such as a solid solution with a broad composition range. For this case, a smooth composition profile results, as shown in figure 6(b) . Here, we assume that the composition varies from a value of 1 (all Ni) to a value of −1 (all Al). The smooth composition profile is then approximated by
where c(x) is the composition at a distance x from the interface and 2w defines the thickness of the intermixed layer. c(x) is equal to +0.5 at w and −0.5 at −w.
To determine a compound's enthalpy of formation while using c(x) to account for intermixing, we first assume that the heat production varies linearly with changes in composition: H ∝ c. Then we integrate c(x) to obtain a relationship between a sample's heat of reaction, H , and the compound's enthalpy of formation, H f . For the simplest case of a sample with equal layer thicknesses and a compound with a 50:50 composition, the integration simplifies to
For samples with sharp chemical profiles (figure 6(a)), the relation between H and H f is then given by
where 2w is the thickness of the chemically distinct intermixed layer. For samples with smooth chemical profiles (figure 6(b)), the relation is given by
(5) With either relationship we can determine enthalpies of formation using a series of samples that have different multilayer periods, but were deposited under identical conditions and have similar intermixed zones and average compositions. Note that both equations (4) and (5) reduce to the equality H = H f at infinitely large periods, suggesting that either equation can be used to determine H f for a given compound. For the Ni/Al multilayers, both equation (4) and equation (5) were fitted to the H data and the results are replotted versus 1/ in figure 7. The model which assumes a smooth composition profile clearly produces the best fit to the data, particularly at small periods [7, 36] . The enthalpy of formation of NiAl 3 was calculated to be −37.9 ± 0.5 kJ g-atom −1 by extrapolating the fitted curve to an infinitely large multilayer period. This value matches the earlier high-temperature measurement for H f [35] and falls well within the scatter band of these earlier measurements, as shown in figure 7 . The low scatter of the DSC measurement demonstrates that enthalpies of formation can be measured precisely at low temperatures using DSC and multilayer samples.
In contrast to the Ni/Al system, one obtains the best fits to the heats of reactions in the Cu/Zr system by assuming a stepped composition profile as shown in figure 6(a) [31] . In this example three distinct exotherms were observed when Cu-rich, Cu/Zr multilayers were heated in a DSC, as shown in figure 8 . The initial exotherm is due to a solid state amorphization of the thinner Zr layers; the second exotherm is due to the formation of the line compound, Cu 51 Zr 14 , and the third exotherm is due to the formation of the equilibrium phase, Cu 9 Zr 2 [23, 31] . The TEM micrographs that are [27] are replotted versus the inverse multilayer period, 1/ , together with fits of equations (4) and (5) . Note that all values and fits fall on one line at large periods. The intercept of this line has a value of −37.9 ± 0.5 kJ g-atom −1 which matches well with the enthalpy of formation, −37.7 ± 2.1 kJ g-atom −1 , listed in [35] .
schematically reproduced in figures 9(a)-(d) chronicle the progress of the reactions.
Since the first reaction in figure 8 starts with crystalline Cu and crystalline Zr and the second reaction ends with crystalline Cu and crystalline Cu 51 Zr 14 , the combined heats of these two reactions ( H 12 ) can be used to quantify Cu 51 Zr 14 's enthalpy of formation [31] . • C min −1 and the heat flows were calculated per mole of atoms [23, 31] . Figure 9 . A schematic diagram that shows the evolution of layering and phases in Cu/Zr multilayers. The as-deposited samples contain alternating layers of polycrystalline Cu and polycrystalline Zr with some solid state amorphization between the layers. After heating beyond the first exothermic reaction all of the Zr and some of the Cu is amorphized to yield uniform layers of amorphous Cu-Zr and Cu. The amorphous Cu-Zr then reacts with some of the excess Cu to form alternating layers of Cu 51 Zr 14 and Cu in reaction 2. In the final exothermic reaction the uniform layering breaks down and large grains of ordered Cu 9 Zr 2 form and encompass much smaller grains of Cu [23, 31] .
multilayer period because the sample contained excess Cu.) The enthalpy of formation of Cu 51 Zr 14 was calculated to be −14.3 ± 0.3 kJ g-atom −1 using the linear fit to the data and equation (4) . Note that this intercept value is very close to the high-temperature drop calorimetry measurement of −14.07 ± 1.24 kJ g-atom −1 by Kleppa and Wanatabe [32] but the data have less scatter.
A final example of the measurement of H f is shown in figure 11 for the Zr-Al binary system [37] . Formation enthalpies were measured for five different compositions using multiple DSC traces and samples, and the results are compared with bulk values obtained by two different techniques. The 'DSC' values in figure 11 match the enthalpies measured by Meschel and Kleppa using high- Figure 10 . The integrated heats of reactions 1 and 2 were calculated per mole of Cu 51 Zr 14 that forms in each sample [31] . As the initial Zr layer thickness increases, the heats approach the enthalpy of formation for Cu 51 Zr 14 that was measured by Kleppa and Wanatabe [32] . This value is marked as a broken line and their scatter is indicated by the shaded region.
temperature, direct synthesis calorimetry [38] very closely. The only exception is the sample with 46.8 at% Zr. For this particular sample, temperatures above the 1000 K limit of the DSC were needed to form the equilibrium compounds, AlZr and Al 3 Zr 2 , and the actual formation enthalpy is predicted to be higher on the basis of a separate DTA analysis [37] . The DSC values in figure 11 also agree with most of the formation enthalpies that Kematick and Franzen measured using Al vapour pressures [39] . The only deviation appeared at high Zr concentrations, for which Al vapour pressure measurements become suspect. Thus, in general, the Al-Zr data in figure 11 demonstrate again that low-temperature DSC can be used to determine formation enthalpies for stable intermetallic compounds.
The formation of metastable alloys: amorphous Cu-Zr
In addition to stable phases, differential scanning calorimetry can be used to investigate the formation of metastable phases. These phases often appear in alloy thin films synthesized by the co-deposition of various elements and in multilayer films during low-temperature anneals. An example of metastable phase formation is the solid state amorphization that occurs in the Cu/Zr multilayers described earlier. The first exotherm in each DSC scan in figure 8 corresponds to the formation of a metastable amorphous phase. The enthalpy of formation for the amorphous Cu-Zr was determined by deconvoluting the first exotherm from the second overlapping exotherm in figure 8 using two different methods [23] . (Since both methods have merits when deconvoluting exotherms, both are described briefly.) In one method, Cauchy distributions were fitted to the DSC scans (see also [40] ). By integrating the first distribution for exotherm 1, the heat Figure 11 . Enthalpies of formation that were measured for Zr-Al alloys using low-temperature DSC scans [37] are compared with similar values from high-temperature calorimetry experiments. Meschel and Kleppa [38] measured enthalpies using direct synthesis calorimetry and Al and Zr powders whereas Kematick and Franzen [39] measured enthalpies of formation using a Knudsen cell mass spectrometric technique and Al vapour pressures. Note that both sets of data agree with the DSC results except for the Zr-rich samples. The enthalpy of formation for the 46.8 at% Zr sample, that did not form its equilibrium phase in the DSC scans, is estimated to be 29% higher or −52.1 kJ g-atom −1 .
of amorphization was calculated to be H 1 = −2.38 kJ per mole of atoms in the sample with 8.1 at. % Zr. In the other method, samples were first annealed isothermally to complete the amorphization before performing a constantheating-rate experiment. After this pre-anneal, the first reaction was almost entirely absent from the experimental data, whereas the second and third reactions had not diminished. By measuring H 2 and subtracting this value from the combined heat for both exotherms, H 1 was calculated to be −2.57 kJ per mole of atoms in the sample with 8.1 at. % Zr, similar to the value from the first method. The heats of amorphization in the Cu/Zr multilayers were normalized to account for the composition (34 at% Zr) and volume fraction of amorphous phase that formed [23] and the results are plotted in figure 12 . The formation enthalpy of this Cu-rich amorphous phase was calculated to be −13.8±0.9 kJ g-atom −1 using a linear fit to the data and equation (4) . Although the precision of this measurement may be low due to scatter in the data, it provides a useful estimate of the enthalpy that drives the formation of this Cu-rich amorphous phase. More precise measurements could be obtained using Cu/Zr multilayers that amorphize completely and are devoid of excess Cu or Zr. Lastly, it is interesting to note that the formation enthalpy for this amorphous phase is very close to that for the equilibrium compound Cu 51 Zr 14 . The samples were isothermally annealed to complete reaction 1 and then they were scanned in temperature to quantify the heat of reaction 2 [23] .
The crystallization of amorphous alloys: Co-Si and Nb-Cu
Metastable amorphous alloys can also be formed in thin films through ion implantation. One example is found in the field of silicides which play an important role in the fabrication of integrated circuits (ICs). Cobalt disilicide, for instance, is being considered as a potential dopant diffusion source for the formation of shallow junctions [41, 42] . During IC fabrication, the silicide is amorphized by dopant implantation and then is crystallized by subsequent annealing in order to decrease its resistivity. This crystallization process was studied recently using a series of co-deposited Co-Si alloys and DSC to determine how the enthalpic driving force for crystallization varies with composition [43] . An enthalpy of −11.4± 0.5 kJ g-atom −1 was measured for the crystallization of the stoichiometric disilicide and similar values were obtained with small variations in composition. This similarity suggests that the thermodynamic driving force for the transformation to the crystalline state is relatively constant with composition. Therefore, small variations in composition during IC processing are unlikely to lead to variations in the crystallization behaviour.
Other intriguing examples of metastable phases, ones that are not obtainable in bulk form, are the amorphous alloys of Nb and Cu in the composition range 32-77 at% Cu [44] . Nb and Cu are immiscible in the equilibrium solid state and have only limited miscibility in the liquid state. These immiscibilities are a reflection of the positive heats of mixing in both states. Amorphous phases are frequently observed in systems with large negative heats of mixing, but they are not expected in systems with positive heats of mixing. Therefore, the formation of amorphous Nb-Cu is a unique example. Plots of the power versus temperature for constantheating-rate DSC experiments of amorphous Nb-Cu thin films showed relatively sharp exothermic peaks at approximately 400-450
• C. These exotherms were associated with the crystallization of the amorphous alloy into the pure elements as detected by x-ray diffraction. The crystallization enthalpies were found to be in the range −4.5 to −7.6 kJ g-atom −1 . By reversing the sign of these enthalpies, one obtains the positive heats of formation of these amorphous Nb-Cu alloys, referenced to pure crystalline Nb and Cu at the average reaction temperature of 425
• C, in figure 13 . By extrapolating these experimentally measured enthalpies to pure amorphous Nb and Cu and by assuming a positive heat of mixing in the amorphous phase, one obtains unrealistically small or even negative formation enthalpies for pure amorphous Nb and Cu. Such values suggest that these amorphous pure elements would be the equilibrium phases instead of crystalline Nb and Cu. Clearly, this cannot be the case and therefore the assumption that the heat of mixing of amorphous Nb-Cu is positive must be incorrect. Figure 13 shows a parabolic fit to the experimental enthalpy data for amorphous Nb-Cu alloys, which now uses the low-temperature extrapolated enthalpies of liquid pure Nb and liquid pure Cu as enthalpies of the amorphous pure elements. (The use of extrapolated enthalpies of liquids for amorphous phases, under the assumption that the amorphous phase is the low-temperature extrapolation of the liquid phase, has been successful in thermodynamic modelling of a large variety of alloy systems to date [45] .) As one can see in figure 13 , the heat of mixing of the amorphous phase is now negative, as revealed by the concave curvature of the calculated amorphous enthalpy curve. However, as mentioned above, the form of the Nb-Cu phase diagram clearly implies that H mix of the liquid phase is positive at high temperatures. Thus, the heat of mixing of liquid Nb-Cu must be changing sign with undercooling [44] . This fascinating, new result demonstrates the unique contribution of DSC and thin films to fundamental thermodynamic studies of alloys not obtainable in bulk form.
The formation of unstable solid solutions: Cr-Cu
The Cr-Cu system and the Nb-Cu system discussed above are similar in that they both exhibit negligible mutual solubility in the solid phases and limited solubility in the liquid phase. However, the two systems differ in that, upon co-deposition, the Cr-Cu system forms supersaturated solid solutions that are thermodynamically unstable [46] whereas the Nb-Cu system forms metastable mixtures of Nb and Cu [44] . The Cr-Cu alloys were sputtered onto liquid-nitrogencooled substrates in order to suppress decomposition during deposition [46] . X-ray diffraction studies indicated that face-centred-cubic (FCC) solid solutions were formed for concentrations up to 35 at% Cr and body-centred-cubic (BCC) solid solutions for Cr concentrations greater than 45 at%. A gradual transition between these phases occurred in the range 35-45 at% Cr. The DSC traces of the CrCu films revealed very broad exothermic reactions that extended over almost the entire temperature range available in a conventional DSC. The width of these traces was approximately 500
• C, in stark contrast to the relatively sharp exotherms that are usually found upon crystallization of amorphous phases, as seen in figure 8 for Cu-Zr. This difference in the DSC traces reveals the unstable nature of the Cr-Cu solid solutions, in contrast to the metastable nature of amorphous phases. Figure 14 shows the heat released during the decomposition of the Cr-Cu films as a function of concentration.
Enthalpies of formation as large as +22.0 kJ g-atom −1 were obtained near the equi-atomic composition.
These enthalpies can be applied to thermodynamic modelling by means of the CALPHAD method and are exceedingly useful in predicting the formation of metastable and unstable phases. Typically, these predictions rely on extrapolations of thermodynamic functions from equilibrium to nonequilibrium compositions and temperatures and, therefore, are often inaccurate. This Cr-Cu example demonstrates how DSC data obtained from thin film samples can fill gaps in the availability of thermodynamic data. 
Enthalpies of interfaces: Ge-Sn and Cu/Zr
Nanostructured materials typically have a high density of interfaces. The interfaces may be boundaries between fine grains in polycrystalline samples or boundaries between thin layers in multilayer films. These interfaces usually have a higher enthalpy than do their surrounding phases and therefore represent a source of excess enthalpy which can approach several kJ g-atom −1 in very fine structures. Upon heating, nanostructures coarsen to reduce the overall free energy (and enthalpy) of the system. Although coarsening and grain growth are not 'reactions' in a chemical sense, they do release enthalpy that can be measured using differential scanning calorimetry, as described in the following two examples. In the first example we consider the coarsening of a polycrystalline Ge-Sn alloy with nanometre-scale grains and in the second example we consider the breakdown of layers in Cu/Zr multilayers.
3.5.1.
The grain boundary enthalpy of GeSn. Crystalline Ge-Sn alloys have shown promise as semiconducting infrared detectors [47, 48] . However, only Ge-Sn solid solutions with compositions well beyond the equilibrium solubility limit of 1 at% Sn exhibit the desired band structures. The lack of thermodynamic stability of these metastable solid solutions presents a processing limitation when one attempts to increase the grain size to optimize the detection of infrared radiation. Hightemperature anneals to increase the grain size can lead to phase separation and a degradation of the infrared detection capabilities. Here we present the measurement of the grain boundary enthalpy that drives grain coarsening in a nanocrystalline metastable alloy with 31 at% Sn that had been fabricated by RF sputtering. Figure 15 is an isothermal DSC trace taken at 410 K for this Ge-31 at% Sn film. Note that the rate of heat loss decays with time as coarsening slows with increasing grain size. The interfacial energy, H int , stored in a sample with an average grain size r was modelled by Chen and Spaepen [49] and is given as
where γ H is the enthalpic part of the interfacial tension, V is the molar volume of the sample and g is a geometric factor equal to 1.3 ± 0.2 for equi-axed grains. The change in enthalpy with coarsening for this Ge-Sn alloy was determined experimentally by integrating the heat flow with respect to time in figure 15 and in a constant-heating-rate trace (not shown) [47] . The integration yielded values of −1.26 ± 0.04 kJ g-atom −1 and −1.27 ± 0.04 kJ gatom −1 , respectively, for the change in interfacial enthalpy. By reversing the sign of these enthalpies, one obtains the magnitude of the enthalpy stored in the sample as interfacial energy. The starting grain size was determined to be 1.8 ± 0.2 nm from the width of x-ray diffraction peaks. The molar volume V was calculated assuming eight atoms per unit cell and a lattice constant of 0.5918 nm that was found from x-ray diffraction patterns of the crystalline alloy. Combining these values with equation (6) gave γ H = 119 ± 30 mJ m −2 , assuming an infinitely large final grain size [47] . However, x-ray diffraction showed that the maximum grain size reached in the alloy prior to phase separation, when the alloy had been annealed at a constant heating rate, was only 4.5 ± 0.05 nm. Taking this final grain size into account, equation (6) now gives an interface enthalpy γ H = 188±30 mJ m −2 for grain boundaries in the diamond cubic Ge-31 at% Sn alloy. This grain boundary enthalpy is close to the value of 164 mJ m −2 reported for the grain boundary energy of bulk crystalline Sn [50] , raising the interesting possibility that the grain boundaries of the Ge-Sn alloy are 'Sn-like'.
The interface enthalpy in Cu/Zr multilayers.
Nanoscale multilayer films can also contain significant quantities of interfacial enthalpy.
In section 3.1, we considered DSC scans of Cu/Zr multilayers that transformed into alternating layers of Cu/Cu 51 Zr 14 through a series of two exothermic reactions. During the third reaction in figure 8, this nanoscale layered structure breaks down and transforms to a non-layered, equi-axed structure with fine Cu grains in larger grains of Cu 9 Zr 2 (figures 9(c) and (d)). The tremendous growth of the Cu-Zr intermetallic grains from approximately 20 nm in the layered Cu/Cu 51 Zr 14 structure (figure 9(c)) to 2000 nm in the equi-axed Cu and Cu 9 Zr 2 structure (figure 9(d)) releases considerable interfacial enthalpy and appears to dominate the third exotherm in figure 8 [23] . Note that, unlike reactions 1 and 2, the total heat of reaction 3 has no dependence on sample composition. This lack of dependence is attributed to the presence of two sources of heat in reaction 3: a transformation enthalpy, H tr , and a loss of interfacial enthalpy, H int .
The interfacial enthalpy lost in reaction 3 can be approximated using equation (6) and some simplifying assumptions. Since the Cu phase has a relatively stable grain size, its interfacial enthalpy is assumed to be constant during the reaction. The final intermetallic phase, Cu 9 Zr 2 , has a relatively large grain size so its interfacial enthalpy is very small and can be ignored. In contrast, the metastable, intermetallic phase, Cu 51 Zr 14 , has a very fine grain size and thus its interfacial enthalpy releases significant heat when lost and should be considered. This enthalpy can be estimated by substituting the layer thickness, x, into equation (6) in place of the average grain radius. Thus, the heat of reaction 3 can be written as
where g * is a modified constant equal to 2.6 [51] . The heat of reaction 3 was calculated per mole of Cu 9 Zr 2 and the resulting heats are plotted versus the reciprocal of the Cu 51 Zr 14 layer thickness in figure 16 . Although the data had some scatter, H 3 did increase linearly as the layer thickness decreased, suggesting that more interfacial enthalpy was released in samples with thinner Cu 51 Zr 14 layers [23] . Note in particular that the sample with the thinnest Cu 51 Zr 14 layers (3.4 nm), released more than 4 kJ/g-atom of interface enthalpy. This value is quite large, and it is similar in magnitude to the enthalpies of transformations that are cited throughout this review. For example, the enthalpy produced in the reaction from Cu 51 Zr 14 to Cu 9 Zr 2 was determined to be only −0.93 kJ/gatom based on equation (7) and the intercept in figure 16 .
The slope of the line in figure 16 was used in conjunction with equation (7) [23, 50] reported for grain boundaries in pure Cu. As nanostructured materials are developed for use at elevated temperatures, these large interfacial enthalpies will play a significant role in determining the stability of these materials. With so few direct measures of interface enthalpies, DSC measurements such as these will prove exceedingly useful.
Kinetics
In addition to thermodynamic information obtained by integrating a DSC trace, kinetic information can be obtained from the shape of individual exotherms and from the heating-rate dependence of peak positions. Since thin film fabrication typically allows one to obtain a large variety of nonequilibrium phases, the kinetics of a broad range of reactions can be examined using thin film samples. For example, the kinetics of crystallization can be studied using amorphous films whereas the kinetics of grain growth can be investigated with crystalline films that contain a high density of grain boundaries. In both cases, the reactions are driven by structural instabilities. One can also investigate reactions that are driven by chemical and structural instabilities by depositing films with multiple layers of different compositions. Indeed, multilayered films have an ideal architecture for studying the formation of intermetallic phases from pure elements [52] . By decreasing the multilayer period, one can increase the density of interfaces at which the reaction begins. This enhances the thermal signal for the early stages of the reaction when the product phase nucleates and begins to grow. In contrast, increasing the period enhances the thermal signal for the later stages of growth, which in many cases is one-dimensional due to the layered architecture of the film. In reviewing various DSC studies of thin film reactions, we will begin with one-dimensional growth which has a simple geometry and straightforward mathematical analysis. Examples of the crystallization of amorphous alloys, nucleation and growth of intermetallic phases and grain growth in nanocrystalline alloys will follow.
One-dimensional growth
In this section we will discuss two types of one-dimensional growth kinetics: 1D diffusion-controlled growth and 1D interface-controlled growth.
Noteworthy examples of calorimetric studies of 1D growth reactions in thin films are the diffusion-controlled growth of amorphous phases in Ni/Zr multilayers [53] [54] [55] and the interface-controlled epitaxial regrowth of amorphous Si and Ge produced by ion irradiation [56, 57] . Since these results have already been reviewed in detail earlier [8] they will not be repeated here. Rather, we will refer to more recent investigations which also demonstrate the utility of calorimetry for the determination of 1D growth kinetics. 3 . Reactions in multilayer thin films often begin by the formation of a contiguous product layer at the interface between the reacting elements. The subsequent growth of this layer is typically normal to the interface and therefore one-dimensional in nature. Here, we consider the case in which growth is limited by diffusion through the product layer as it thickens. The rate at which heat is released by this reaction in a DSC experiment, dH/dt, is assumed to be proportional to the rate at which the product phase is Figure 17 . The DSC trace of a 1Ni/3Al multilayer film with = 2 µm period, taken at a heating rate of 40 K min −1 . Using equation (8), the rate of heat flow was converted into a growth rate, dx /dT . The full line is the best fit of 1D diffusion-controlled growth kinetics to the data points in the temperature range 600-760 K. The inset shows a Kissinger plot of the peak-temperature shift as a function of the heating rate [58] .
The one-dimensional diffusion-controlled growth of NiAl
thickening, dx/dt. For a constant-heating-rate experiment the thickening rate is given by
where x is the product phase thickness, β is the heating rate, H is the enthalpy change of the reaction and x max is the maximum product phase thickness which is typically /2. The exothermic growth of NiAl 3 in Ni/Al multilayers has been studied using DSC and equation (8) [58] . Figure  17 shows a DSC trace obtained from a 1Ni/3Al multilayer with = 2 µm. In this trace, the small peak at about 550 K is due to the initial nucleation and growth of NiAl 3 , which will be discussed in section 4.2. The major portion of the trace, however, is characterized by the 1D diffusional growth of this product phase. The reaction ends abruptly when the reactant phases are consumed simultaneously at all locations at the interface.
The 1D diffusional growth rate can also be written aṡ x = dx/dt = k d /x, where k d is the rate constant which is proportional to the interdiffusion coefficient. Assuming that k d can be described by an Arrhenius ansatz, it follows that
where k d,0 and E d are the pre-exponential factor and the activation energy for diffusion-controlled growth, respectively, and k B is Boltzmann's constant. Under isothermal conditions, k d is constant and integration of equation (9), rewritten as x dx = k d dt, leads to the well-known parabolic growth law x 2 /2 = k d t for which the thickening rate decreases with time. For constant heating rates, integration of equation (9) yields [58, 59] (see appendix A)
and the thickening rate continuously increases with temperature. The derivative of equation (10), dx/dT , was fitted to the experimental data in figure 17 and the activation energy E d and the pre-exponential factor k d,0 were calculated from this fit to be 1.72 eV and 2 × 10 −3 m 2 s −1 , respectively. It is important to note that this 1D diffusion-controlled model predicts the proper shape of the DSC trace in figure 17 for the Ni/Al system, but, as we will see later, it cannot do so for the Ti/Al system in which growth appears to be interface controlled.
The activation energy for 1D diffusion-controlled growth can also be obtained using the Kissinger analysis that relates the peak temperatures to the heating rate [60, 61] . The validity of the Kissinger method can be seen by rearranging equation (10) to give
The peak temperature, T peak , at which the reactant phases are consumed will shift according to equation (11) figure 18 can be used to determine the growth constant, k d , which varies by four orders of magnitude in a temperature interval of approximately 200 K. In contrast, in conventional diffusion couple studies the determination both of the activation energy and of the pre-exponential factor requires a large number of experiments with a variety of annealing times and temperatures. Finally, one should also note that this Arrhenius method of analysis and the previous two methods yield strikingly similar results for 1D diffusional growth of NiAl 3 . 3 . The 1D growth of TiAl 3 has also been studied using DSC and multilayer samples [62] . A typical DSC trace for a 1Ti/3Al multilayer film is shown in figure 19 with the exothermic heat flow converted into a growth rate using equation (8) . The DSC trace shows a small peak at 750 K due to a transformation from a metastable L1 2 structure into a second metastable D0 23 structure for TiAl 3 [63] . However, most of the trace is dominated by an asymmetrical peak ending at approximately 900 K. The smooth rise and the abrupt drop for this exotherm are indicative of a one-dimensional growth process that ends suddenly as reactants are consumed. As illustrated in figure 19 , analysis of the DSC trace shows that a diffusioncontrolled growth model does not yield the proper shape of the exotherm. Driven by this disagreement, isothermal DSC and x-ray diffraction experiments were also performed on these samples, which revealed that the growth rates were approximately constant over a significant period of time. This is in contrast to diffusion-controlled growth, for which the growth rate would decay proportionally to 1/ √ t, and suggests that growth of TiAl 3 is interface controlled. The following equation gives the temperature dependence of the 1D interface-controlled growth rate:
One-dimensional interface-controlled growth of TiAl
where k i is the rate constant and k i,0 and E i are the corresponding pre-exponential factor and the activation energy, respectively. A fit of equation (12) with E i = 1.89±0.05 eV yielded a better agreement with the constantheating-rate data in figure 19 than did equation (8) The reasons why the growth of TiAl 3 is better described by interface-than by diffusion-controlled growth kinetics are not yet clear. Parallel electron microscopy investigations, however, have shown that TiAl 3 is formed by repeated nucleation and growth at the Ti interface, rather than by pure growth [64] . It was therefore suggested that the grain structure evolution during TiAl 3 formation affected the growth kinetics [65] . However, regardless of the source of interface-controlled growth, the two above examples demonstrate the outstanding capabilities of multilayer film DSC studies in testing the validity and in determining the details of an anticipated reaction process. Figure 19 . The DSC trace of a 1Ti/3Al multilayer film with 2 µm period taken at a heating rate of 40 K min −1 , converted into growth rate units. The full and the broken lines were calculated using interface-and diffusion-controlled growth kinetics, respectively, and the experimentally determined activation energy of 1.89 eV for both processes. The corresponding pre-exponential factors were calculated on the basis of the experimental result that the reactant materials were consumed at the peak temperature of 907 K, namely x (907 K) = 1 µm. This yielded k i ,0 = 6 × 10 11 nm s −1 and k d ,0 = 3 × 10 14 nm 2 s −1
[62].
Nucleation and growth
A thin film transformation is expected to occur by nucleation and growth when the material under investigation is in a metastable state due to the presence of nucleation barriers. In this section we describe three different types of nucleation-and-growth transformations. The first is the crystallization of an amorphous Co-Si alloy and the second and third are the early stages of tri-aluminide formation in Nb/Al and Ti/Al multilayer films.
The crystallization of amorphous Co-Si alloys.
As mentioned in section 3, amorphous Co-Si alloys are of interest due to their potential use as dopant diffusion sources for forming shallow junctions in integrated circuits. Details of the crystallization process of amorphous Co-Si alloys such as the crystallization temperature and grain size distribution are expected to play a critical role in determining the uniformity of dopant out-diffusion [66] . Thus understanding the kinetics of the crystallization is important in optimizing the out-diffusion process. For the crystallization example cited here we demonstrate that DSC studies yield the activation energy for growth, the Avrami exponent -which embodies information on the nucleation and growth mechanisms and growth morphologies -and the density of nuclei. Amorphous Co 0.29 Si 0.71 films crystallize in the temperature range 170-220
• C in constant-heating-rate DSC scans, as shown in figure 20(a) [43] . The shifts in peak temperature with heating rate were used in a Kissinger analysis to yield an activation energy of 1.16 ± 0.07 eV. This value agrees with three other measurements of activation energies for the crystallization of CoSi 2 . 0.93 ± 0.10 eV was measured using electrical conductance [67] ; 1.17 ± 0.03 eV was measured using time-resolved reflectivity and Rutherford back scattering that was combined with channelling [68]; and lastly, 1.1 eV was obtained by measuring the radii of crystalline grains of CoSi 2 during in situ annealing in a high-voltage electron microscope [69] .
In order to quantify the crystallization process further, isothermal DSC scans of amorphous Co 0.29 Si 0.71 were performed and the resulting data were analysed using the Johnson-Mehl-Avrami (JMA) theory [70] [71] [72] [73] [74] . As shown in figure 20(b) , these DSC measurements produced bellshaped peaks, indicative of a nucleation-and-growth-type process [49, 75] . These can clearly be distinguished from 1D growth kinetics, in which growth rates either remain constant or decay with time (see appendix B), and also from grain-growth kinetics (as shown below), which yield DSC traces that decay with time. The transformed volume fraction, X, at constant temperature is given by the JMA theory for nucleation and growth [74] ,
where k = k(t) is a temperature-dependent rate constant and n is the Avrami exponent. The Avrami exponent n was obtained for the crystallization of Co 0.29 Si 0.71 by assuming that the heat flow rate is proportional to the transformation rate, by normalizing and integrating the peak and by plotting the data as an Avrami plot, namely as ln[− ln(1 − X)] versus ln(t). Such a plot should give a straight line with a slope equal to n according to equation (13) . For the Co-Si data n was found to be 3.1 ± 0.1. For the analysis it was necessary to include an incubation time τ into the Avrami equation (13), by replacing t by t − τ . The value of τ was adjusted until the best fit to the data had been obtained. According to the JMA theory there are essentially two processes that could lead to an exponent of n = 3. One is the formation of nuclei at a constant rate followed by the growth of these nuclei at a constant velocity in two dimensions and the other is the presence of a fixed number of nuclei which grow at a constant velocity in three dimensions. To differentiate between these two cases, the crystallization of an amorphous Co 0.33 Si 0.67 sample was observed in situ in a transmission electron microscope. Figures 21(a) and (b) are the micrographs of partially and fully crystallized states, respectively. The number of crystalline grains remained approximately constant throughout the transformation, indicating either that the crystal nuclei were 'pre-existing' ones or that the number of crystal nuclei saturated early into the transformation.
Furthermore, the grain size did not reach the film thickness until close to the end of the crystallization process, indicating that the crystals were growing three-dimensionally throughout the transformation. Grain diameters increased linearly as a function of time, with a growth velocity of v = 4.4±0.5 nm min −1 at 161 • C. All of the above information indicates that the interpretation of n is one involving a fixed number of nuclei and interfacecontrolled growth of grains in three dimensions.
The number of nuclei N per unit volume was determined through a measurement of the kinetic constant k and a calculation of the growth velocity at a given temperature [66] . The kinetic constant for the above nucleation conditions, growth morphology and mechanism is given by
The calculated density of nuclei remained almost unchanged at 10 20 m −3 in the range 140-170
• C and agreed well with the density determined from in situ TEM studies at 161
• C. The combination of the activation energy, the Avrami exponent and the density of nuclei gave a relatively complete description of the crystallization of these CoSi films. This analysis also demonstrates the utility of augmenting DSC studies with TEM observations.
4.2.2.
The early stages of reaction in Nb/Al and Ti/Al multilayer thin films. One of the most interesting features of reactions in multilayer films is the phenomenon of phase selection in which product phases appear sequentially rather than simultaneously and certain equilibrium phases are absent whereas metastable phases are commonly observed. (See appendix B for additional discussion.) A prominent example is the formation of amorphous phases in multilayer diffusion couples, which was discussed in section 3.2. Since the prediction of phase formation at interfaces is extremely important in many technological applications, it has prompted numerous investigations. However, there is still no universally accepted theory and predicting phase selection remains a scientific challenge.
An intriguing observation that was first found by calorimetry and brought a new viewpoint into this field was the fact that the formation of the first product phase in a multilayer film can be a two-stage process [65, [76] [77] [78] [79] [80] [81] [82] [83] [84] . As an example, figure 22 shows heat flux DSC traces for the formation of NbAl 3 in sputter-deposited Nb/Al multilayer films with various Al layer thicknesses [25, 76, 79] . Extensive x-ray and electron diffraction studies verified that both peaks A and B were associated with the formation of the single product phase, NbAl 3 . Note that the relative areas of the peaks changed with Al layer thickness in a systematic way. Peak A dominated for small thicknesses and peak B became increasingly pronounced for large thicknesses. Similar two-peaked traces have also been observed for evaporated Nb/Al multilayer thin films [25, 78, 82] , as well as for other systems such as Ni/Al [26, 27, 80] , Ti/Al [63, 64] , Ni/amorphous Si [81, 82] and V/amorphous Si [83, 84] . In all cases the two peaks correspond to the formation of a single phase.
The formation of a single phase in two stages is inconsistent with any combination of 1D growth processes, as discussed in appendix B, but it is explained by the model of Coffey et al for a two-stage transformation [82] . In this model, a product phase first nucleates and grows laterally in the plane of the interface and forms a coalesced, contiguous layer in stage one (peak A). In stage two this contiguous layer grows normal to the interface until one or both reactants are consumed (peak B). Both stages are shown schematically in figure 23 . The transformation associated with peak A (stage one) is described by a JMA nucleation and growth process which, under isothermal conditions, is given by equation (13) . Application of the JMA equation to constant-heating-rate conditions [26, 75] leads to the following equation for the volume fraction transformed: Figure 22 . Heat-flux DSC traces for a series of Nb/Al multilayer films annealed at 20 K min −1 . The periodicity, , the Al layer thickness, x Al , and the Nb/Al ratio are listed on each trace. The traces were limited to a maximum temperature of 900 K and thus do not include the reactions that occur beyond this temperature for films with Nb:Al ratios greater than 1:3. Note that the height of each trace has been adjusted to make the shape of the trace more clear. The broken lines were calculated using the model of Coffey et al [82] . Details of the calculation were given in [76] .
where k 0 and E are the pre-exponential factor and the activation energy of the JMA process. dX/dT is then proportional to the heat released in peak A in the DSC traces. Coffey et al [82] assumed that the transformation began with a fixed number of pre-existing nuclei in the plane of the interface which subsequently grew as cylindrical grains. The growth parallel to the interface was taken to be interface controlled and was represented by the JMA equation with n = 2. The subsequent thickening of the layer, peak B in the DSC traces, was modelled by 1D diffusion-controlled growth, equation (10) . Calorimetry experiments (isothermal and constant-heating-rate ones) can be used to determine all the model parameters separately, except for the nucleation site density per unit area, N , and the radial growth prefactor, k i,0 , which appear as Nk 2 i,0 [82] . Determination of these two parameters requires direct observations of the evolution of the product phase grains by a technique such as transmission electron microscopy.
The broken lines in figure 22 represent the traces for the formation of NbAl 3 simulated on the basis of the above model. As can be seen in figure 22 , the simple model of Coffey et al successfully describes the outstanding features, namely, the two peaks and their systematic dependence on the layer thickness. This model has been successful in describing the behaviour of multilayers of Nb/Al (first studied by Coffey et al [82] ), and also in Ni/Al [80] , Figure 24 . The DSC trace of a 1Ti/3Al multilayer film with = 10 nm, taken at a heating rate of 40 K min −1 . The full line is the best fit of a JMA process to the measurement [63, 75] .
Ni/amorphous Si [82] and V/amorphous Si [83] .
However, although the simple model of Coffey et al [82] describes the essential features of the DSC traces, the model underestimates the widths of peaks A and B in some cases. Underestimating the width of peak A indicates that n is less than 2, which has been found for several systems using isothermal and constant-heating-rate DSC experiments [27, 63, [75] [76] [77] [78] [79] . Underestimating the width of peak B may be attributed to nonuniformities in layer thickness which have been observed in many multilayer systems [79] . These variations in thickness prevent an abrupt termination of the reaction and an abrupt end to peak B [65, 85] .
As an example of a lower Avrami exponent producing better fits to peak A of the experimental data, a 40 K min −1 DSC trace of a 1Ti/3Al multilayer with 10 nm period is shown in figure 24 [63, 75] . Equation (15) was fitted to this data using an activation energy of 1.54 ± 0.05 eV obtained by Kissinger analysis and an Avrami exponent n = 1.3. As can be seen in figure 24 , the fit to the DSC data is extremely good. Additional isothermal DSC measurements confirmed that the value of n was close to unity [63, 75] , thus demonstrating the utility of equation (15) in modelling peak shapes of JMA processes. These lower values of n may be a consequence of the spatial bias, namely the deviation from spatial randomness, in the nucleation of the product phase [76, 86] . Confirmation of this explanation requires direct observations of grain structure evolution and has not yet been obtained.
Although the model of Coffey et al could benefit from modifications, it has been a significant step forwards in understanding the details of compound formation in thin films by establishing that nucleation, as well as growth, must be included in the description of these reactions. DSC studies have played a pivotal role in prompting and verifying this understanding. These studies also suggest that nucleation is likely to play a part in the selection of phases in thin film reactions. In other words, there must be barriers to nucleation of the first phase. This is unexpected, because the system contains very large driving forces for first phase formation [87] . This inconsistency has prompted new investigations of the true driving forces for first-phase formation [88, 89] .
The grain growth in Ge-Sn alloys
In section 3.5.1 we demonstrated how DSC traces could be used to determine the enthalpic part of the grain boundary energy in Ge-Sn thin film alloys. Here, we show how the same traces can be used to determine the kinetics of grain growth in this material, namely the values of k g (T ) and p in the following equation for the average grain radius, r(t):
where r 0 is the initial grain radius. Using this equation and equation (6), the value of the grain growth exponent, p, can be found from the following equation:
where τ is a time constant defined as
. τ acts as a fitting parameter for obtaining a straight line with slope −p, when ln(t + τ ) is plotted versus ln H T (t). For the isothermal DSC data at 410 K (figure 15) and 450 K (not shown), the values of τ were 3.4-3.5 and 4.2-4.8 min and the slopes of the lines, −p, were −1.76 and −1.6, respectively. The average value of p was determined to be 1.7 ± 0.1, which compares well with the value of 2 in standard grain growth models [90] [91] [92] [93] . The full line in figure 15 is a simulated trace using the values of p = 1.76 and τ = 3.4 min.
The values of p can also be used to determine the activation energy for grain growth, E g , by assuming an Arrhenius temperature dependence for the rate constant,
and by letting t 1/2 be the time at which the total enthalpy of the system has decreased to half its initial value. Then the following product,
, is constant. Using the data for 410 and 450 K, E g was found to be approximately 0.5 eV for the Ge-Sn system. This activation energy for grain growth is low compared with the value of 2.2 eV found by Chen and Spaepen [49] for grain growth in microquasicrystalline Al-Mn thin films. Clearly, more isothermal traces should be used to determine p and E g accurately [94] . As a final point, note that the decaying isothermal trace in figure 15 confirms that the Ge-Sn alloy was nanocrystalline at the start of the reaction and did not nucleate from an amorphous phase [49] . This contrasts sharply with the 'bell-shaped' traces for the amorphous cobalt silicide films in section 4.2.1, which indicate that a transformation from one phase to another is taking place which involves both nucleation and growth. This qualitative conclusion that the Ge-Sn alloy was nanocrystalline and the quantitative measures of grain growth parameters for this Ge-Sn alloy, illustrate how one can use DSC to study grain growth kinetics in thin films.
Summary
We have reviewed a broad range of differential scanning calorimetry experiments that investigated the thermodynamics and kinetics of thin film reactions. Whereas some of these reactions are directly relevant to commercial applications, others are designed to address basic scientific questions, a number of which cannot be addressed using conventional bulk materials. We began the review with descriptions of differential scanning calorimetry and sample preparation techniques in order to provide the reader with some background on experimental methods. We then demonstrated how DSC can be used to measure heats of formation, enthalpies of crystallization and enthalpies of interfaces in homogeneous and in layered thin films, emphasizing when possible the unique benefits of combining DSC and thin film samples. In the final sections of the paper, we reviewed how kinetic parameters of nucleation, growth and coarsening could also be determined from DSC traces. We hope that these examples and their discussion will foster increased utilization of DSC and thin film samples for investigating the thermodynamics and kinetics of transformations that are critical to the application of materials both in thin film and in bulk form.
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Appendix A. Integration of kinetic rate equations under constant-heating-rate conditions
Using the 1D diffusional growth as an example, we show in this section how a variety of kinetic rate equations can be integrated under nonisothermal conditions to yield the growth rates for constant-heating-rate experiments. This allows one to compute the corresponding DSC traces and to fit the resulting equations to experimental data.
The rate equation for 1D diffusional growth, equation (9), can be rearranged as
The integral of the right-hand side of this equation is the so-called temperature integral which cannot be solved analytically. However, a variety of good approximations exist, as discussed in detail elsewhere [95] . In this paper we use the approximation given by Coats and Redfern [96] ,
The error in this approximation is usually well below 10%. Approximations with a higher level of accuracy were reviewed in [95] . With equation (A2), equation (A1) can be integrated to yield equation (10) , that is Gösele and Tu [97] [98] [99] developed a model that combines interface-controlled and diffusion-controlled 1D growth in order to explain the phenomena of phase selection and metastable phase formation that are frequently observed during the early stages in multilayer reactions. Their model is often used to explain phase selection in studies that utilize techniques other than DSC such as TEM and Rutherford back scattering [100] . We discuss this model now to demonstrate clearly that inputting physically realistic numbers into their model cannot lead to two separate DSC peaks in constant-heating-rate traces for the formation of a single phase, as seen in figure 22 . An appropriate rate equation for their combined 1D growth process is [18, [97] [98] [99] 
which corresponds to two growth processes occurring in series. For k i x k d equation (B1) reduces to the entirely interface-controlled process and for k i x k d it reduces to the entirely diffusion-controlled process. This shows that the kinetics of such a combined process are controlled by the slower one of the two and that the faster one can be ignored when there are large differences in the rate constants. Equation (B1) can be integrated to obtain the dependence of the thickness on time, which upon reinsertion into equation (B1) yieldṡ
Equation (B2) is plotted as the inset in figure 25 for various values of k d /k i . As can be seen in figure 25 , the growth rate follows a 1/ √ t dependence for k d /k i = 10 2 nm, as expected for an entirely diffusion-controlled process, and figure 19 . The solely interface-controlled and the solely diffusion-controlled processes were also calculated for comparison. The inset shows the isothermal growth rates for a linear-parabolic process, calculated using equation (B2). In this plot the kinetic parameters k d and k i were adjusted for each curve to yield a product phase 1 µm thick at the end of a 1000 s anneal.
becomes constant for k d /k i = 10 4 nm, as expected for an entirely interface-controlled process. It can be concluded from figure 25 that both kinetic processes contribute to the DSC trace only when k d /k i lies within a relatively narrow range. The value of k d /k i at which the change-over from diffusion-controlled to interface-controlled kinetics occurs depends on the thickness range considered.
When equation (B1) is solved numerically under constant-heating-rate conditions, both processes become apparent in the DSC trace only when their activation energies are approximately equal, namely, when E i ≈ E d . A difference in the activation energies of typically only 0.2 eV is sufficient to let the process with the higher activation energy dominate. For the case in which E i ≈ E d , a DSC trace initially follows the interface-controlled process and then continuously approaches the diffusioncontrolled process during the growth of the product phase, as shown in the main part of figure 25. Note that there is no evidence of a double peak and that varying the values of activation energies (or rate constants) cannot produce two exotherms for the formation of a single phase.
